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a b s t r a c t
Embrittlement processes occurring during thermal oxidation are investigated for stabilized and unsta-
bilized polyamide 11 samples differing by their thicknesses and initial molar masses. Tensile tests were
carried out in the temperature range between room temperature and 110 C in order to investigate the
inﬂuence of mechanical testing temperature on the embrittlement coordinates. In the same time, molar
mass and crystalline morphology are monitored by size exclusion chromatography (SEC) and DSC/SAXS
measurements respectively. The experimental results point out the existence of a critical molar mass for
ductile-brittle transition M0c about 10 kg mol1, independent of sample initial molar mass or stabiliza-
tion, but depending on tensile testing temperature. However, even if oxidation chain scissions are shown
to be clearly responsible for the loss of mechanical properties at failure, the structure-property re-
lationships governing ductile-brittle transition require a mixed criterion involving molar mass and
crystalline morphology, especially the interlamellar distance. For this purpose, speciﬁc molar mass e
crystalline morphology relationships are investigated.
1. Introduction
Thermal oxidation is a critical process responsible for the
deterioration of the mechanical and physical properties during
polyamide service life. It is well known that PA samples exposed
under air are subjected to discoloration (yellowing) [1,2] and
embrittlement which is the sudden transition from an initial
ductile behavior to a brittle one [3]. Oxidation proceeds by a radical
chain reaction that affects the molar mass distribution through
mainly chain scissions occurring exclusively in the amorphous
phase since the crystalline phase remains tight to oxygen [4e6]. In
previous articles, we demonstrated the predominance of random
chain scissions over crosslinking events during the homogeneous
thermal oxidation of unstabilized PA11 ﬁlms [7,8]. This article in-
vestigates PA11 structure-property relationships, especially be-
tween molar mass changes induced by chain scissions and
mechanical properties.
The relationships betweenmolar mass andmechanical behavior
have been already proposed in the literature for amorphous poly-
mers [8]. The ductile-brittle transition occurs in a sharp molecular
weight interval so that a critical molar mass (M'c) can be deﬁned
[3]: if Mn > M0c then the sample displays a ductile behavior. This
critical molar mass is often associated to molar mass between en-
tanglements (Me). Indeed, entanglement network is considered as
active mechanically speaking provided that the molar mass has a
value signiﬁcantly higher than Me. More precisely, it has been
proposed that M0C order of magnitude is close to ﬁve times the
molar mass between entanglement i.e. M0C ~ 5Me [9,10].
The case for semi-crystalline polymers appears to be more
complicated since crystalline morphology can affect the molar
mass-mechanical behavior relationship. The ductile behavior for
semi-crystalline polymers is generally attributed to the presence of
tie-molecules allowing a sufﬁcient interlamellar connectivity for
plastic deformation [11]. Concerning the semi-crystalline polymers
having an amorphous phase in rubbery state, it has been proposed
that the ductile-brittle transition is reached when amorphous layer
thickness (la) becomes lower than a critical value (laC). Since the
amorphous layer thickness depends on molar mass according to
the following scaling law la ~MW1/2 [12], laC is expected to correspond
to a critical molar mass value MwC. In the case of semi-crystalline
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chemical degradation, chain scissions are responsible for molar
mass decay but also for crystallinity increase. This latter phenom-
enon, often called chemi-crystallization, is due to the fact that the
chain fragments liberated by chain scissions in the amorphous re-
gion can integrate the crystalline phase by a lamellar thickening
process [13e16]. That is the reason why the previous scaling law
(la ~ MW1/2) can be valid to describe crystalline morphology changes
during a random chain scission process.
The present article is aimed at studying PA11 embrittlement
process during the homogeneous sample thermal oxidation in or-
der to assess the structure-property relationships, especially the
critical molar mass value governing the ductile-brittle transition.
Several PA11 samples differing by their initial molar mass, their
stabilizer content or their thickness will be compared so as to
conclude on the intrinsic behavior of M0C.
The second objective of this study is to investigate inﬂuence of
tensile testing temperature on the ductile-brittle transition induced
by oxidation. Since the PA11 glass transition temperature Tg is close
to 50 C, we have chosen to follow the embrittlement process at
several testing temperatures below and above Tg up to 110 C in
order to determine the eventual inﬂuence of the physical state of
the amorphous phase on the embrittlement characteristics.
2. Experimental
The samples are listed in Table 1 with their designation and
initial microstructural, macromolecular and mechanical properties.
Unstabilized PA11 samples were prepared as described in our
previous articles [7]. Four PA11 grades differing from the poly-
condensation condition (the catalyzer and its concentration) were
investigated and PA11 V corresponds to our standard grade. The
main difference between the grades is the melt viscosity linked to
the molar mass (Mn0, Mw0 in Table 1). Therefore, besides the
unstabilized ﬁlm, PA11 V grade was used to prepare a 1-mm thick
plaque (PA11 V pl) bymicro-injection [7] and phenol stabilized ﬁlm
(PA11 V 3).
The residual phenol concentration was determined by High
Performance Liquid Chromatography (HPLC) provided by Agilent
Technologies (1100 Series) equipped with a UV detector (280 nm).
The separation was performed through the chromatographic col-
umn (5 mm, L 125 mm, Ø 4 mm and 120 Å) ﬁlled with grafted silica
C18 (Hypersil ODS) and the mobile phase was methanol (HPLC
grade, 99.9% purity provided by SigmaAldrich) at a constant ﬂow
rate of 1.0 mL min1. The quantitative identiﬁcationwas made with
calibration by Irganox® 1098 solutions.
The samples were dried under vacuum overnight at 50 C prior
to perform the aging at 110 C in an air ventilated oven XUO 32
supplied by France Etuves. The homogeneity of oxidation has been
conﬁrmed by measuring oxidative species across the thickness of
plate samples using FTIR microscopy elsewhere [7,17] and in our
case, the technique was widely described in a previous article [18].
Size Exclusion chromatography (SEC) measurements were per-
formed to follow the changes in the averagemolar massMn andMw
during oxidation. The conditions for SEC measurements have been
described elsewhere [7].
The changes in crystallinity were investigated by DSC analysis
performed on TA Instruments Q1000 with temperature ramp of
10 C min1 from 50 to 250 C. The crystallinity ratio XC is deter-
mined as follows:
XC ¼
DHf
DHf
 (1)
With DHf
 ¼ 226.4 J g1 (PA11 melting enthalpy for an ideally 100%
crystalline sample) [19].
The amorphous layer la was determined by performing small
angle X-ray scattering (SAXS) patterns at room temperature on
aged PA11 V pl samples by means of the diffractometer Genix
Xenocs. The apparatus consists of a X-ray source using a copper
anode Ka radiation, the wavelength being 1.54 Å, a mono-
chromator, a collimator, a specimen chamber and a computer
equipped with the MAR300 software. The sample-to-detector dis-
tance was 1418 mm. Silver behenate standard reference material
was used for sample-to-detector distance calibration. The exposure
time was 7800 s. The active areawas 20  20 cm and the scattering
intensity 64 x 64 array. The 2D patterns were treated using Fit2D
software developed by A. Hammersley [20]. The long period (LP)
was determined by the azimuthal integration of the 2D pattern
from isotropic sample and the intensity proﬁles were corrected by
Lorentz-factor I(q)2; ¼ f(q) with the Bragg relation [21]:
LP ¼
2p
qMAX
(2)
Where q ¼ 4psin q/l and qMAX the wave vector corresponding to
peak scattering intensity determined from the intensity proﬁle
using OriginPro® 2015.
The crystal thickness Lc is given by the following equation:
LC ¼ LP

r
rC

xC (3)
Where r is the PA11 density (1.013 kg L1) and rc the crystalline
density (1.130 kg L1) [22].
The glass transition temperature (Tg) of unaged PA11 V sample
was determined by means of dynamic mechanical thermal analysis
tests (DMTA) on the DMA Q800 provided by TA Instruments. The
temperature range was between 30 and 170 C, at a heating rate of
2 C min1 and at a frequency of 1 Hz, and Tg was about 60 C.
Hence, three tensile testing temperatures were chosen beside room
temperature (25 C): 50, 80 and 110 C in order to investigate the
inﬂuence of the state of the amorphous phase during tensile tests.
Tensile tests were carried out on Instron® 5889 machine
equipped with a thermal chamber that controls the test tempera-
ture during the experiment. A 1 kN cell load was used; the cross-
head speed was 10 mm min1. For each PA11 grade and exposure
time at least 7 dumbells (L0 ¼ 20 mm) were tested.
Table 1
Sample designation and initial macromolecular and mechanical properties: * the ﬁlm thickness was between 60 and 120 mm and ** the plates were 1 mm thick.
Sample name Mn0 (kg mol1) Mw0 (kg mol1) PI εR0 (%) XC Geometry [Irganox® 1098] wt %
PA11 HV 21.7 45.5 2.1 279-368 0.22 Film* e
PA11 V 19.8 39.7 2 304 0.20 Film* e
PA11 HF 12.5 23.8 1.9 313 0.26 Film* e
PA11 F 12.6 23.8 1.9 336 0.24 Film* e
PA11 V pl 13.2 42.2 3.2 437 0.22 Plate** e
PA11 V 3 21.3 46.8 2.2 379 0.24 Film* 0.14
3. Results
3.1. Molar mass and crystallinity modiﬁcations
Since PA11 oxidation leads to a predominant chain scission
process, the most pertinent physical parameter to follow degra-
dation is the molar mass characterized here by SEC. The changes in
Mn for unstabilised PA11 ﬁlms during degradation time are shown
in Fig. 1.
First of all, whereas the initial molar mass (Mn0) for PA11 V and
PA11 HV is close to 20 kgmol1, the initial molarmasses for PA11 HF
is close to 12.5 kg mol1. In all cases, a mass molar decrease with a
maximum rate at the beginning of the exposure. is witnessed. The
molar mass seems to reach a pseudo plateau close to 5 kg mol1
whatever the initial Mn0 samples. Then, it is possible to overlap all
curves by shifting the low initial Mn0 samples to higher oxidation
degree (~600 h). The numbers s of chain scissions and x of cross-
links per mass unit were calculated from Saito's equations [21]:
n ¼ 1
MnðtÞ
 1
Mn0
; w ¼ 1
MwðtÞ
 1
Mw0
(4)
In the case of PA11 oxidation, the variation of the polydispersity
index (PI) is negligible. Moreover, PI remains around 2, one can
write:
s ¼ 2
3
ð2nwÞ (5)
x ¼ 1
3
ðn 2wÞ (6)
The value of s and x is compiled in Table 2 for some aged ﬁlm
samples.
The results call for the following comments:
a) Chain scissions predominate largely over crosslinking [7].
b) The initial rate of molar mass decrease is an increasing function
of the initial molar mass value as predicted from Saito's equa-
tions. As a matter of fact, neglecting crosslinking in a ﬁrst
approximation and deriving Eq. (4) one obtains:

ds
dt

0
¼  1
M2n0

dMn
dt

0
(7)
Supposing that oxidative degradation is a random process, the
initial rate of chain scission in unstabilized samples is expected to
be independent of initial molar mass so that the initial rate of molar
mass decrease is effectively expected to increase with Mn0:

dMn
dt

0
¼ M2n0

ds
dt

0
(8)
c) From the calculated values of s, one can estimate the initial rate
of chain scission. As expected, it takes a value almost indepen-
dent of initial molar mass (ds/dt)0~108mol kg1s1.
Fig. 2 shows molar mass changes for stabilized and unstabilized
PA11 V ﬁlm and unstabilized PA11 V plate as function of exposure
time, this latter being in log scale to ease the reading. First, the
molar mass decrease is similar to unstabilized PA11 V plate and ﬁlm
which indicates that the chain scission rate is not affected by the
processing conditions (extrusion vs injection molding) and the
sample thickness (70 mmvs 1mm). In contrast, the kinetic behavior
is deeply modiﬁed in the presence of stabilizer (Irganox® 1098). In
the short term, there is a small but signiﬁcant increase of molar
mass opposite to the fast decrease observed in unstabilized sam-
ples. In the long term, degradation becomes predominant but
signiﬁcantly slowed down relatively to unstabilized samples.
The initial increase of Mn can be attributed to slow post-
polycondensation process. This phenomenon also exists in unsta-
bilized samples but it is obscured by oxidative degradation, this
latter being inhibited by the stabilizer (as long as stabilizer remains
in the sample). When the stabilizer has been almost totally
consumed, i.e. after approximately 1000 h at 110 C, degradation
becomes predominant and the curve of stabilized sample rejoins
progressively the curve of unstabilized samples (For more infor-
mation and a comprehensive modelling of these aspects, see
Refs. [7,18]).
Since polydispersity index remains close to 2 and is not signif-
icantly affected by the chain scission process, it seemed to us use-
less to report polydispersity index and weight average molar mass
values. The fact that the polydispersity index is unchanged in-
dicates as well that chain scission can be considered as a random
process into the amorphous phase, this point being valid whatever
the sample geometry (70 mm or 1 mm thick) considered here.
As mentioned in introduction, an increase of crystallinity is
often associated to semicrystalline polymer oxidation. Hence,
crystallinity changes have to be taken into account. Crystallinity
ratio values assessed by DSC for unstabilized polyamide 11 ﬁlms are
reported in Fig. 3 as a function of exposure time. For all PA11 under
consideration here, crystallinity ratio (XC) appears to be slightly
modiﬁed by the chain scission process: In the early stage of the
exposure corresponding to the ﬁrst 48 h, a signiﬁcant increase can
be attributed to annealing (knowing same observations are ob-
tained by performing exposition under anaerobic atmosphere up to
100 h) whereas the continuous increase observed between 100 and
1200 h of exposure is undoubtedly associated to a chemi-
crystallization process: chain scissions in the amorphous phase
(in rubbery state) allow to integrate some broken chains into the
crystalline phase. It is noteworthy this XC increase doesn't lead to a
signiﬁcant modiﬁcation of the shape of the DSC melting peak
indicating that no new lamellae appear-during the chemi-
crystallization process.
As a result, it is now possible to propose a link between the
chain scission process and the chemi-crystallisation by introducing
a yield of chemi-crystallisation (y) which can be deﬁned as
following:Fig. 1. Mn changes during air ageing at 110 C for unstabilized PA11 ﬁlm samples.
y ¼ 1
Mm
$
dXC
ds
(9)
with Mm being the PA11 monomer molar mass.
To assess y, crystallinity ratio is plotted against chain scission
number in Fig. 4. According to Fig. 4, crystallinity ratio increases
quasi linearly with the number of chain scissions and the slope
corresponds to a chemi-crystallization yield y ~4 monomer units
per chain scission.
From SAXS and DSC measurements, amorphous layer thickness
(la) can be determined. According to Rault [12], la is linked to molar
mass through a following scaling law which can be expressed in a
ﬁrst approach by: la fMw/2. In order to check the validity of this
scaling law in our case, Fig. 5 shows amorphous layer thickness as a
function of square root of molar mass Mw. A reasonable agreement
is obtained on both average molar mass, which conﬁrms this
approach.
3.2. Tensile behavior changes at room temperature
Since ductile-brittle transition is expected to occur during
degradation, we propose here to witness this transition by
following mechanical behavior in tensile mode. Even if this mode is
not fully appropriate to monitor failure properties, it is largely used
to study mechanical properties in literature [3]. Starting from this
point, tensile tests at room temperature (25 C) have been
Table 2
s and x for some aged PA11 ﬁlms during air aging at 110 C.
Aging time (h) PA11 HV PA11 V PA11 HF PA11 F
s (mol kg1) x (mol kg1) s (mol kg1) x (mol kg1) s (mol kg1) x (mol kg1) s (mol kg1) x (mol kg1)
Unaged 0 0 0 0 0 0 0 0
100 0.01014 0.00213 0.00465 3.29E-04 0.01576 0.00285 0.01113 0.00286
200 0.01529 0.00285 0.01217 0.00121 0.02095 0.00304 0.01437 0.00357
300 0.01826 0.00273 0.01438 0.00122 0.02503 0.00334 0.0158 0.00426
400 0.02178 0.00311 0.02238 0.00282 0.02495 0.00398 0.02304 0.00564
Fig. 2. Mn changes during air ageing at 110 C for the stabilized ﬁlm PA11 V 3
compared to PA11 V ﬁlm (70 mm thick) and PA11 V plate (1 mm).
Fig. 3. Some thermograms for PA11 V during air ageing at 110 C and the changes of
crystallinity ratio for unstabilized polyamide 11 ﬁlms.
Fig. 4. Crystallinity ratio as a function of chain scission number for unstabilized
polyamide 11 ﬁlms during air ageing at 110 C.
Fig. 5. Amorphous layer thickness as a function of molar mass for unstabilized poly-
amide 11 plate during air ageing at 110 C.
performed on samples having different degradation states. Fig. 6
reports engineering stress-strain curves for unstabilized PA11 V at
several times of exposure.
First, stress-strain curves shape around the yield point is slightly
modiﬁed by annealing during the early period of exposure as it has
been already seen with the crystallinity ratio measurements by
DSC. In order to dissociate annealing and chain scission process,
stress-strain curve for annealed PA11 V under N2 and the as-
received sample were inserted as well. As a result, annealing pro-
cess modiﬁes plasticity behavior (especially increase of yield stress)
but do not affect strain at break. By increasing duration (time
exposure in air), it is witnessed that strain at break decreases
although the stress-strain curve shape is not affected by the chain
scission process. In other words, chain scission leads only to reduce
plastic deformation until the failure. As a result, only strain at break
parameter appears as pertinent to characterize the embrittlement
process. That is the reason why only strain at break values is re-
ported to put in evidence the ductile-brittle transition in Fig. 7
(each point is the average of 7 tests). In this Figure, normalized
strain at break is plotted as a function of time for all polymers under
study. Our data were normalized by dividing strain at break by the
initial strain at break for each PA11 sample (εR/εR0). Arbitrarily, time
to embrittlement (tF) is deﬁned as the timewhen normalized strain
at break reaches 50% of its initial value.
These results can be summarized as follows:
First for all the samples one can observe a sudden change from a
ductile plateauwhere εr/εr0 1 to a pseudo brittle plateauwhere εr/
εr0  0.25. This behavior clearly suggests the existence of a critical
structural state and justiﬁes the use of the terms “ductile-brittle
transition” and “embrittlement”.
Second the time to embrittlement at 110 C in air is about 100 h
for the unstabilized low molar mass samples, 400 h for the unsta-
bilized samples whatever their thickness (70 mm or 1 mm) and
about 1600 h for the stabilized sample. The time to embrittlement
appears to vary in the same way as the number of chain scissions
with molar mass, sample thickness and stabilization.
Third a slight increase of the strain at break is observed at the
beginning of exposure. Here also it is tempting to explain this
phenomenon by the increase of molar mass due to post-
polycondensation.
3.3. Effect of tensile testing temperature
The above reported experiment was repeated but at different
temperatures for tensile testing (50, 80 and 110 C). The objective is
to follow the ductile-brittle transition on both sides of the glass
transition temperature. For this purpose, strain-stress curves for
each testing temperatures for the annealed PA11 are shown in
Fig. 8. This ﬁgure calls for the following comments:
First, as expected, the yield stress decreases almost linearly with
temperature (Fig. 9). In the temperature interval under study, the
slope is:Dsy/DT~0.36MPa.K1. Extrapolating this straightline, one
would ﬁnd that the yield vanishes at about 140 C. The yield
characteristics are almost independent of the degradation state.
Second, the maximum strain at break is signiﬁcantly higher on
the rubbery side (350%) than on glassy side (275%). Indeed, εr is
sharply linked to the degradation state.
Third, the rupture envelope remains close to the initial stress-
strain curve (Fig. 8), showing that the structural changes induced
by thermal ageing affect almost exclusively the fracture process but
do not affect the rest of the mechanical behavior.
Fourth, the results show that a sample declared brittle from
testing at 25 C remains ductile at 110 C In other words, for a given
oxidized state, an increase of testing temperature delays the
ductile-brittle transition induced by oxidation. This behavior has
been also observed by Zhang et al. in the case of irradiated poly-
propylene samples: The ductile-brittle temperature rises as the
irradiation dose increases, i.e. molar mass decreases [23].
Fig. 6. Stressestrain curves for PA11 V during air ageing at 110 C (mechanical tests
performed at room temperature).
Fig. 7. Normalized εR (εR/εR0) changes during air ageing at 110 C for all samples.
Fig. 8. Stressestrain curves as a function of tensile testing temperature and stresse-
strain values at failure as a function of degradation time.
4. Discussion
4.1. M0C assessment
It has been shown above that the major consequence of PA11
thermal oxidation is random chain scission. An important conse-
quence of this molar mass decrease is a crystalline lamella thick-
ening and thus a decrease of the interlamellar distance la. This latter
change can be linked to the number of chain scissions through the
concept of chemi-crystallization yield y. The problem now is ﬁrst to
identify the real cause of embrittlement: decrease of the entan-
glement density in the amorphous phase? Loss of tie molecules or
change in micromechanical stress state linked to the decrease of
the interlamellar distance? All these hypotheses have been evoked
in the literature but they lacked of quantitative validation. The
question now is to establish a link between an oxidation state and
this ductile-brittle transition.
According to the simplest hypothesis, the ductile-brittle tran-
sitionwould correspond to a critical value of molar mass. This is the
reason why the strain at break at 25 C was plotted against molar
mass for all the unstabilized samples under study, in Fig. 10.
In a ﬁrst approach it could be concluded from this ﬁgure that
the ductile-brittle transition occurs at a critical molar mass
almost independent of the sample structure or geometry:
M0c ¼ 10 ± 1 kg mol1. However, a small shift towards low molar
mass values can be observed for the low molar mass sample PA11
HF and perhaps also PA11 F. Is this shift signiﬁcant? It seems
interesting to search for a more universal criterion.
For a given polymer base (PA11 V), there is no clear difference
between ﬁlms and plates or between stabilized and unstabilized
ﬁlms (Fig. 11).
The critical molar mass M'c appears thus as a useful embrittle-
ment criterion, at least in a ﬁrst approach. Hydrolysis studies lead to
similar observations with close M'c values [24], suggesting that this
critical molar mass value is an intrinsic property of PA11.
By assuming that M0C is linked to the entanglement network
into amorphous phase by the relationship M0C ~ 5Me, we can
deduce that the molar mass between entanglement (Me) is close
to 2 kg mol1. Unfortunately literature data on entanglement
molar mass on PA11 determined from rheometric measurements
are inexistent to our knowledge. We can only notice that the Me
above value is close to Me values for PA66 proposed in literature
[see for instance [25]]. The ductile-brittle transition is explained
as follows: ductility is linked to chain drawing and this latter is
only possible if the chains participate to a network. Chain scis-
sions lead to the progressive destruction of the entanglement
network; when the molar mass reaches about 5 times the
entanglement molar mass, disentanglement by chain slipping
becomes easy in the timescale of tensile testing and cracks can
propagate very easily because the only forces they have to
overcome are Van der Waals ones.
The reality of a relatively sharp ductileebrittle transition and its
relationship with entanglement molar mass is well established in
the case of glassy polymers [9]. This transition can be also observed
in semi-crystalline polymers having its amorphous phase in rubber
state, as polyethylene, polyoxymethylene or polypropylene [3] but
in this case, it has been shown that the ratio M'c/Me is considerably
higher than 5 and that the true critical structural parameter is the
interlamellar distance, this latter being more or less sharply linked
to molar mass. Does PA11 belong to this latter family of polymers or
to the family of amorphous polymers? It seemed to us interesting to
try to answer this questionwhich requires a speciﬁc study of tensile
testing at temperatures higher than Tg.
4.2. Tensile testing temperature inﬂuence on M0C
If the previous sectionwas dedicated to the assessment of M0C at
RT, the effect of the tensile test temperature on M0C below and
Fig. 9. Inﬂuence of tensile test temperature on sY as a function of degradation time.
Fig. 10. Normalized strain at failure (@ RT) as a function of molar mass (Mn) for
unstabilised PA11 ﬁlms having various initial molar mass.
Fig. 11. Normalized strain at failure (@ RT) as a function of molar mass (Mn) for PA11
with and without stabilizer and 70 mm and 1 mm thick samples.
above Tg (~60 C) is here examined. In x3.3, we have followed the
embrittlement process at 50 C, 80 C and 110 C tensile testing
temperature. Since embrittlement occurs at all these temperatures
as at 25 C, it is possible to determine the critical value M0C for each
temperature. As a result, it is now possible to plot M0C as a function
of the testing temperatures in Fig. 12 for PA11 V samples.
It appears that M0C decreases linearly with temperature from
11 kg mol1 at 25 C to 8 kg mol1 at 110 C. Surprisingly, no sig-
niﬁcant discontinuity is observed at Tg, that could be attributed to
the fact that the glass transition is relatively wide compared to the
temperature range. Since it well established that the ductile-brittle
transition results from the competition between plastic deforma-
tion (shear mode) and brittle behavior linked to cavitation damage
[26], the ductile-brittle transition is then expected to shift towards
lower molar mass when temperature increases because plastic
deformation is preferentially promoted.
4.3. Inﬂuence of modiﬁcation of crystalline morphology on the
ductile-brittle transition
We have seen that the ductile-brittle transition in the molar
mass scale (Fig. 9) extends between 9 up to 11 kg mol1 for PA11
ﬁlms at T ¼ 25 C. This extent can be presumably attributed to
crystallinity changes occurring during degradation since a brittle
behavior can be promoted by increasing crystallinity for a given
molar mass [27]. To put in evidence the inﬂuence of crystallinity on
the ductile-brittle transition, we have plotted in a ﬁrst approach the
crystallinity ratio as a function of molar mass for all PA11 ﬁlms
during degradation (Fig. 13) and indicated if the mechanical
behavior is brittle (εR/εR0 < 0.5) or ductile (εR/εR0 > 0.5).
On the XC-Mn map shown in Fig. 13, the open symbols corre-
spond to samples having a brittle behavior whereas the ﬁlled
symbols correspond to samples having a ductile behavior. As a
result, the XC-Mn map exhibits a relatively clear frontier between
ductile and brittle behavior: it is noteworthy that this frontier does
not only depend on M0C (which should correspond to a vertical
frontier) but also slightly on XC. In other words, a PA11 sample
having a molar mass equal to 11 kg mol1 can be considered as
ductile if XC is lower than 0.25 and brittle if XC is higher than 0.25.
As a conclusion, if the only knowledge of molar mass drop could be
sufﬁcient to predict the ductile-brittle transition in a coarse grained
approach, crystalline fraction is also required to predict carefully
the transition knowing that crystallinity increase leads to promote
brittle behavior.
However, the crystallinity ratio depends on the thermal story
and cannot be an accurate criterion for degradation induced
embrittlement. In contrast, the interlamellar distance la has been
proven to be a suitable criterion for polyethylene [3] where the
critical value was lac ~ 6 nm. Using la values for PA11 plates shown in
Fig. 5 and strain at break values shown in Fig. 7, we have plotted the
relative strain at break as a function of interlamellar distance in
Fig. 14.
The resulting curve displays an inﬂection point near to
la ¼ 6.5 nm. Indeed, the closeness of this value with PE one could
result from a coincidence; however it is tempting to consider this
curve as the key representation of the embrittlement mechanism
and that the interlamellar distance of about 6 nm could correspond
to micromechanical conditions almost independent of the polymer
structure, at least for such ﬂexible chains.
According to recent simulation methods to model tie chains
and trapped entanglements in semi-crystalline polymers [28,29],
tie chain fraction for our lc/la value at ductile brittle transition (lc/
la ~ 0.25) is quite low (<5%). Since the chain scission number is
below 0.05 moL kg1 when ductile-brittle transition occurs
(PA11V), the probability to cut a tie is very low. As a result,
although an increase crystalline morphology promotes a brittle
behavior (by modifying the stress-strain state into the amor-
phous region for instance), the key factor governing the
Fig. 12. Critical molar mass as a function of tensile testing temperature (25, 50, 80 and
110 C).
Fig. 13. Crystallinity ratio as a function of molar mass: open symbols are associated to
a brittle behavior and full symbols to a ductile behavior.
Fig. 14. Normalized strain at failure (@ 25 C) as a function of amorphous layer
thickness for 1 mm thick PA11 samples.
ductile-brittle transition is associated to the entanglement
network mechanical properties.
We have previously distinguished two families of linear poly-
mers differing by the causal chain of embrittlement:
For family A (most amorphous polymers):
Chain scission/ decrease of molar mass/ destruction of the
entanglement network / easy
disentanglement/ embrittlement.
For Family B (certain semi-crystalline polymers having their
amorphous phase in rubbery state):
Chain scission / decrease of molar mass / chemi-
crystallization / decrease of interlamellar
distance/ embrittlement.
Until now, both families were distinguished by the value of the
critical molar mass ratio M'c/Me close to 5 for family A and 50 for
family B. In the case of PA11, this ratio is close to 5 so that it could
belong to family A, but it displays a critical interlamellar distance of
about 6 nm as polymers of family B. It will be necessary to include
other polymers in the comparison to determine which parameter
(M0c/Me ¼ 50 or lac ~ 6 nm) lacks of universality.
5. Conclusions
The embrittlement of PA11 when this latter is submitted to
thermal oxidation was investigated in depth in order to establish
relationships between chemical changes and tensile properties,
the ﬁnal objective being to build a predictive modelling for
polyamide service life. It was shown that oxidative degradation is
responsible for strain at break drop whereas yield properties (sy)
remain almost unchanged. Concerning the inﬂuence of the ten-
sile testing temperature, it has been pointed out that an increase
of temperature leads to delays the embrittlement process, in
other words the strain at break drop occurs for higher oxidation
conversion degree.
Since it is well known that amorphous polymers become brittle
when their molar mass becomes lower than a critical value (M0C),
we have tested several PA11 samples differing by their initial molar
mass, stabilizers content and thickness to assess a critical molar
value. It appears that all PA11 samples become brittle when Mn is
below about 10 kg mol1. The fact that all PA11 samples display
about the sameM0C value seems to indicate that M0C is the property
governing the ductile-brittle transition for a given tensile test
temperature. Furthermore, we have shown the M0C decreases with
this tensile test temperature, this latter promoting plastic defor-
mation over brittle behavior.
In the literature, M0C is often interpreted as a characteristic of
the entanglement network. This latter is mechanically active pro-
vided that molar mass is more than ﬁve times higher than the
molar mass between entanglements (Me). If this approach seems to
be consistent with our results (M0C(PA11) ~ 5 Me (PA11), we cannot
set out the hypothesis that the degradation induced crystallinity
increase (chemi-crystallization) could also be involved. Indeed,
since the interlamellar thickness (la) is intimately associated to
molar mass through a scaling law, it appears that embrittlement
occurs when la reaches a value of 6.5 nm. According to this
approach, the thickness of the interlamellar layer would be a crucial
factor in determining precisely whether a sample is brittle or
ductile.
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